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Abstract 

The effects of crystallographic texture and microstructure on the mechanical behavior of a 

selectively laser melted (SLM) 316L stainless steel subjected to uniaxial tensile loading 

was discussed. The microstructure of the as-built sample exhibits a hierarchical structure 

at macro-, micro-, and nano-scales, with good chemical homogeneity and no elemental 

segregation. The chemical homogeneity was attributed to a very high cooling rate (2.7 ´ 

106 K/s) present in SLM, discrete melt pools, and the formation of nanosized silicon-rich 

oxides. Due to the formation of a dislocation network during additive manufacturing, 316L 

showed twinning-induced plasticity (TWIP) behavior with a high strain-hardening rate 

exhibited in five stages. Pre-existing dislocation networks, where their configuration was 

maintained during deformation, promoted the formation of nano-twins, resulting in 

enhanced twin-dislocation and dislocation-dislocation interactions. The formation of 

deformation-induced nano-twins maintained a constant high-level of strain hardening rate 

in two stages, enhanced by the development of pronounced <111> texture in the tensile 

direction and a fiber texture. In addition, the high yield strength of this alloy was attributed 

to the high density of dislocation cells. The dislocation cellular structure combined with 

distributed nano-oxide inclusions were responsible for the formation of nanometer ductile 

dimples (as a nano-scale structure). This microstructure hindered crack propagation and 

tailored several process-induced defects compared to traditionally manufactured ones. 

Plastic deformation was governed by dislocation glide and deformation-induced twinning; 

thus, the final microstructure contained several types of twins and highly misoriented 

dislocation boundaries. As a final stage, the high temperature behavior of 316L was also 

studies and some perspectives on its deformation was brought forward.       
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1. Introduction 

Manufacturing lighter and stronger parts with improved ductility is the goal of many 

scientists and engineers. Many fabrication methods aim to increase material strength by 

increasing the grain boundaries and introducing secondary phases to hinder the dislocation 

movement, which is responsible for plastic deformation. However, increasing the strength 

by tuning dislocation configuration and hindering of their movement sacrifices ductility. 

This is known as the strength-ductility trade-off dilemma. There are a few methods that 

increase the strength without harming the ductility, such as: electro-pulsing, dynamic 

precipitating, engineering of microstructure to achieve bi-modal grain sizes, accumulative 

roll bonding, optimizing the size and distribution of nanoparticles and doped elements 

(Chen et al., 2020; Naseri et al., 2016; Wei et al., 2020; Yang et al., 2019; Zhu and Lu, 

2012). However, other properties such as electrical conductivity and corrosion resistance 

are negatively affected by these methods (Lu et al., 2004; Wu et al., 2018). Introducing 

defects in these methods to hinder dislocation motion, i.e. grain boundaries (GBs), 

dislocations, point defects, element alloying, and reinforcing phases also increases electron 

scattering, which in turn decreases conductivity and increases chemical attacks due to 

chemical heterogeneity (Jindal et al., 2014; Tam and Shek, 2006; Tang et al., 2018). 

Increasing the strength and ductility without harming other properties has been achieved 

in alloys with induced twins exhibiting twining-induced plasticity (TWIP) behavior 

(Barbier et al., 2009; Gutierrez-Urrutia et al., 2010; Gutierrez-Urrutia and Raabe, 2011; Lu 

et al., 2020; Madivala et al., 2019). However, manufacturing complex 3D parts is still a 

matter of dispute, especially in affordable steels intended for use in harsh environments, 
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i.e. austenite stainless steels containing tiny cooling channels used in nuclear reactors 

where seamless parts are highly preferred over welded parts.  

The additive manufacturing (AM) technique has attracted much attention recently to 

produce complex parts. It has progressed from being used to prototype parts to being a 

near-net-shape manufacturing method. Selective laser melting (SLM) is a promising subset 

of AM having the potential to build seamless parts in just one step (Després et al., 2020). 

Geometrically complex parts, without any seam, can be manufactured layer-by-layer by 

fusing powders based on a digital model in an STL file. Very dense parts can be achieved 

by adjusting the laser energy density, scanning pattern, and layer thickness (Asgari and 

Mohammadi, 2018). These complex 3D manufactured parts also take advantage of using 

less machining as an expensive final step of traditional manufacturing methods 

(Ghorbanpour et al., 2017). One alloy with excellent properties used by industry is 316L 

stainless steel, which has been widely used in high temperature applications and in harsh 

environments (Han et al., 2016; Xie et al., 2019). It has good mechanical properties, is 

corrosion-resistant, is affordable, and is compatible with SLM due to its very low carbon 

content (less than 0.03 %wt) (Zhong et al., 2016). In this study, we show how the 

hierarchical and homogeneous structure resulted from a high cooling rate during pulsed 

laser SLM processing affected the mechanical properties and strengthening mechanisms of 

316L. The microstructure and crystallographic texture of manufactured and tensile-tested 

samples were characterized using X-ray diffraction, electron backscatter diffraction 

technique (EBSD), transmission electron microscopy (TEM), and field emission scanning 
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electron microscopy (FE-SEM). Finally, the strain hardening rate and TWIP behavior of 

the alloy due to the interaction of twining and slipping mechanisms are discussed.       

1.1. Statement of the problem  

Due to the advantages of austenitic stainless steels, specifically 316L, including a good 

combination of corrosion resistance and mechanical properties and affordable price 

compared to its counterparts, this alloy is widely used in different industries. Two main 

traditional methods of manufacturing of 316L are casting and forging. The major problem 

of implementing 316L components in harsh environments is their geometrical complexity 

containing inner structural details used in piping systems. These components are difficult 

to manufacture, costly, and sometimes even impossible to achieve by any established 

manufacturing technique.  

In this project, the effect of the developed microstructure during laser melting of 316L on 

the mechanical properties of the alloy is investigated. Therefore, mechanical tests were 

conducted at the temperature range from room to high temperatures under both tensile and 

compression loadings. 

 1.2. Purpose 

The first goal of this project is to understand the mechanisms that laser melting process 

affects microstructure evolution and mechanical properties of 316L. The second goal of 

the project is to measure mechanical properties and study the relationship between structure 

and mechanical performance and its effect on overcoming the ductility-strength trade-off. 
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The third aim of this project is to study mechanisms of deformation and strengthening of 

laser melted austenitic stainless steels. 

This project will be accomplished through the following objectives: 

- To investigate microstructure and nanostructure of 316L before and after 

mechanical tests.  

- To study the interaction of dislocation walls and deformation twins by using texture 

analysis after deformation.      

- To investigate the effect of oxide nano-inclusions on strengthening of SLM 

austenitic stainless steels. 

- To understand strain hardening behavior of laser melted austenitic stainless steels 

via stress/strain curves and characterizing the dislocation and twin substructure 

evolution. 

1.3. Significance of this study   

This research project is important because of currently very high demands of industry for 

metals whose properties are extraordinary. Oil rigs and thermal reactors need structural 

metals, which must withstand critical working environments at high temperatures and have 

a complex shape, in which one promising candidate is 316L austenitic stainless steel. 

Achieving high temperature properties and more geometrically complex steels, AM 

technique is a promising method owing to its capability in a fairly rapid process speed, one 

step manufacturing procedure, the absence of seams, and simplified post treatment process.  
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Various industrial corporations active in the area of oil and gas, medical implants, nuclear 

power plants, and thermal reactors are interested in this research project in which corrosion, 

complex geometry, dimensional accuracy, and harsh environments are important key 

factors. Manufacturing technologically advanced 316L stainless steels in this project owing 

to the use of laser technology, layer by layer building, and high solidification rates results 

in a hierarchal microstructure that can be used in harsh environments (high temperatures 

and caustic environment). 

There are some measurements proposed here to quantify the project’s benefits including 

dimensional accuracy, microstructure (macro, micro and nano), density measurement and 

chemical composition. This should be enhanced by modifying the parameters of pre/in/post 

processing, which in turn determines the other factors, i.e., mechanical and corrosion 

properties, as structural austenite stainless steels should possess both simultaneously for 

use in harsh environment. The other important factor is cost, which is a key item comparing 

to conventionally manufactured 316L stainless steels. Using laser additive manufacturing 

techniques, the life-time of stainless steels products in nuclear reactors and pipelines are 

higher than other processes. Time is the other important factor especially in large scale 

manufacturing of 316L, which by adjusting the in-process factors such as laser power, 

scanning strategy can be controlled and decreased and be comparable to conventionally 

manufactured counterparts including cast and forging.  
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2. Background 

2.1 Additive manufacturing 

AM is able to produce complex geometries to obtain components with very fine 

microstructures from a digital file using computer-aided design (CAD). AM has moved 

from prototyping to near net shape products recently, which can challenge traditional 

manufacturing methods in the near future (Shamsujjoha et al., 2018). However, due to the 

occurrence of some inevitable defects such as porosity and lack of fusions, residual 

stresses, and anisotropy, specific attention should be drawn to process parameters including 

laser power, scanning speed, scanning pattern, layer thickness, and step size (Sun et al., 

2018; Wang et al., 2018).  

Compared to conventional manufacturing techniques such as casting and machining, AM 

is able to produce several parts with complex structures in one step with increased design 

freedom. In AM, there is no additional tools needed for building parts such as mold, 

removal apparatus, and dies. However, AM techniques are limited by their productivity 

compared to casting or forging. It has shown that with an increase in product volume, there 

is no changing in AM cost per part, while for conventional techniques, cost per part is 

decreased in high volume production (Figure 0.1a). Moreover, with increasing complexity 

of parts, contrary to conventional techniques that cost of production is increased, AM has 

shown to have almost constant cost of production as shown in Figure 0.1b (“Introduction 

to additive manufacturing technology, EPMA,” 2020; Leicht, 2020).  
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Figure 0.1 Schematic of cost per part for conventional and AM techniques versus (a) production 
volume, and (b) complexity (“Introduction to additive manufacturing technology, EPMA,” 2020). 

 

This manufacturing technique uses a variety of processes to convert the feedstock (powder 

or wire) into a final 3D part. The feedstock is converted to dense parts by consolidation, 

which is divided into two categories: melting or solid-state joining (Sames et al., 2016). In 

this regard, based on the ASTM F42, standard terminology for additive manufacturing, 

there are four categories for AM techniques as follow (Gibson et al., 2013): 

-  Powder bed fusion (PBF) 

* Selective laser melting (SLM) 

* Electron beam melting (EBM) 

- Direct energy deposition (DED) 

* Laser vs. e-beam 

* Wire fed vs. powder fed 

- Binder jetting 

* Infiltration 

* Consolidation 

- Sheet lamination  
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* Ultrasonic additive manufacturing (UAM) 

DED and PBF are classified further by the source of energy (Bhavar et al., 2014). Building 

time, which is necessary for fabrication is higher in PBF compared to DED, but higher 

complexity and better surface finish is achievable in PBF with minimum required post-

processing treatment (Vayre et al., 2012).  

PBF is a term used for the process in that a layer of a powder bed is either selectively 

melted or sintered by focused energy source (Sames et al., 2016). Based on commercialized 

AM processes, PBF processes are among the first ones, all of which share a basic set of 

characteristics including one or more thermal sources for inducing fusion between powder 

particles, a method for modifying the powder fusion toward specified region of each layer, 

and a mechanism for adding and smoothing powder layer (Gibson et al., 2015). Also, first 

reported metal 3D printed products are related to PBF in case of selective laser sintering 

(SLS) for Cu, Pb, Pb-Sn by Manriquez-Frayre and Bourell (Manriquez-Frayre and Bourell, 

n.d.). In terms of the type of energy source is used, it is divided into laser additive 

manufacturing (LAM) for laser source and EBM for electron beam with different hardware 

set-ups. Electron beam and other thermal sources require entirely different machine 

architectures than laser sources (Sames et al., 2016). SLS or direct metal laser sintering 

(DMLS) from EOS 3D printer, SLM from Reinshaw and SLM solution and laser cusing 

from Concept Laser are some laser based technologies of PBF, while EBM from ARCAM 

is a technology relied on electron beam as a source of energy in PBF category (Bhavar et 

al., 2014).  

 Laser sintering methods were initially established to create plastics prototypes, which were 

further developed to other materials such as metals and ceramics. Nowadays, there are 
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additional thermal sources used in this process together with commercially employed 

diverse layer-wise fusion of powders. Therefore, PBF processes are extensively used 

globally working with diverse range of materials including composites, polymers, 

ceramics, and alloys. Their final products are now analogous to other manufacturing 

techniques (Gibson et al., 2015). 

2.2 Mechanism of SLM 

One prosperous member of the AM family of technologies is SLM based on local melting 

generated by laser irradiation (Pham et al., 2017). As it is shown in Figure 0.2, the thin 

layer of powder spread within build area using counter-rotating roller is fused by laser as 

an energy source. The enclosed chamber where the process takes place, should be 

controlled avoiding the contaminations such as oxidization and degradation of the 

powdered material. The machine uses infrared heaters above platform to overcome losing 

heat over the part being formed and above the cartridge for preheating the powder before 

spreading over the building area. In some cases, the build platform is also preheated. The 

processes of preheating and maintaining at the elevated temperatures are essential so as to 

minimize the laser requirements (using less laser energy) (Criales et al., 2017), and prevent 

warping the part during the building process (non-uniform thermal expansion and 

contraction result in curling). Given heat to preheat powder layer, the focused laser beam 

is directed onto the powder bed and is moved using galvanometers to thermally fuse the 

material. Surrounding powder remains loose and plays as a support for subsequent layers, 

as a result, there is no need for additional support. When a layer is formed, the build plate 

is lowered by one layer thickness and a new layer is spread using the counter roller. 
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Uniformly decreasing the temperature to values suitable for handling, a cool-down period 

is required (Gibson et al., 2015).    

 

 

Figure 0.2 schematic of SLM (Criales et al., 2017). 

 

2.3 Laser process parameters 

Laser as an energy source used in SLM, in terms of method of operation, is divided into: 

- Continuous wave lasers 

- Pulsed lasers 

 
In continuous wave lasers, the productivity of laser is persistent and doesn’t change with 

time. However, pulsed laser is characterized by periodic pulse trains of laser energy. While 

there are some advantages of using pulsed laser such as reduced heat affected zone and 

providing enough heat for full-fused layers, there are some disadvantages compared to 
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continuous lasers such as increased residual stresses and possibility of bending (Dunbar et 

al., 2017). 

The term energy density refers to the ratio of the laser peak power to the frequency and 

width of the laser, which has affected on the quality of parts, dimensional accuracy, density, 

and strength of the built parts (Zhang et al., 2019). Low energy density results in 

insufficient melting of the powders and high energy density results in vaporization of the 

powder. Both of these conditions will lead to poor mechanical properties or dimensional 

inaccuracies resulted from distortions and layer delamination (Matsumoto et al., 2002). 

The formula of the volumetric energy density of the laser beam is given as (Spierings and 

Levy, 2009): 

  

   E = !
"∗$∗%

                                    Eq. 3.1 

Where E is the Laser Energy Density (J/mm3), P is the Laser Power (W), v is the Scan 

Velocity (mm/s), S is the Step – over (mm), t is the Layer thickness (mm). 

2.4 Stainless steel 316L 

Among iron-based alloys, stainless steel is a type of corrosion resistant iron-chromium 

alloy that is a good candidate when it is exposed to concentrated acids and temperatures up 

to 1100 oC. Beside their corrosion resistance behavior, stainless steels have good 

mechanical properties, so their applications vary from low-end applications such as 
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cooking and kitchen utensils to very sophisticated ones like heat exchangers and boilers in 

oil and gas, and protector walls and structural material in nuclear reactors.  

The stainless steels in terms of their composition and microstructure are divided into sub 

groups of ferritic, austenitic, martensitic, precipitation hardening, and duplex stainless 

steels. Based on the thermal history and composition, there are some crystallographic 

structures: ferritic (a and d) in body centered cubic (BCC) structure, austenitic (g) in face 

centered cubic (FCC), and martensitic (a’) in BCC or body centered tetragonal (BCT). 

Figure 0.3 shows the phase diagram of Fe-Cr in stainless steels. As chromium is the main 

component of stainless steels, this curve determines the way different grades are formed. 

There is a full austenite loop in low Cr concentration at temperature range of 1200 K to 

1700 K, and where Cr percentage is higher than 12, ferritic alloys are stable in elevated 

temperatures (Oyj, 2013; Saeidi, 2016).  

 

 

Figure 0.3 Equilibrium phase diagram of Fe-Cr (Jacob et al., 2018). 
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Among these groups, austenitic stainless steels are the largest group including Cr-Mn 

grades, Cr-Ni grades, Cr-Ni-Mo grades, high performance and high temperatures grades. 

They have great resistance to corrosion, satisfactory formability and weldability, and 

because of the austenite phase, they are non-magnetic. Also, they are well-known 

candidates for using in cryogenic environment. Chromium (Cr) as a ferritic stabilizer gives 

the alloy superior corrosion resistance performance in high temperatures by forming 

passive thin layer of chromium oxide on the surface of the steel. Nickel (Ni) as an austenite 

stabilizer increases ductility and toughness and is used to form intermetallic component in 

precipitation hardening steels. Molybdenum (Mo) increases the localized corrosion 

resistance, e.g., pitting and crevice corrosion resistance. Manganese (Mn) is added for 

improving hot ductility, and also its effect on stabilizing ferrite-austenite varies in terms of 

temperatures. Also, it can be used instead of Ni in austenitic stabilizing conditions (Oyj, 

2013).  

316L is a low carbon austenitic chromium-nickel stainless steels with 16 to 18, 10 to 14, 

and 2 to 3 weight percent (wt%) of Cr, Ni and Mo, respectively with alloying elements of 

manganese (less than 2 wt%), and silicon (less than 1 wt%) (Renishaw apply innovation, 

2018). It contains merely the austenite phase and is one of the most widely used stainless 

steels because of its corrosion resistance, outstanding mechanical properties, and having 

relatively low prices. 316L has many applications in industry such as petroleum, refinery, 

chemical and petrochemical plants, constructions, automobile and recently nuclear reactors 

(Yakout and Elbestawi, 2017). Very low carbon content of this alloy decreases carbide 

precipitations and improves the weldability specially when welding is needed in high 

temperature environments. Typical applications of this alloy include food preparation 
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equipment, architectural applications, medical implants, coils for chemical plants, structure 

material for in-vessel components of nuclear reactors (Zhong et al., 2016). 

2.5 Recent studies on SLM 316L  

One great challenge of the industry is ductility-strength relationship, which creates 

obstacles to use certain alloys in harsh environments. Generally speaking, increasing the 

strength causes the decrease in ductility, which is very important in certain sensitive 

applications (Wang et al., 2018). This problem has been overcome using SLM. High 

strength is related to cellular structure and the high percent of low angle grain boundaries 

inside grains formed by rapid cooling rates, while high ductility is attributed to hierarchical 

microstructure, enhanced dislocation and solute pinning and emerging twinning (Pham et 

al., 2017; Wang et al., 2018).  

Depending on laser energy density of an SLM process, the segregation of atoms or solute 

trapping can occur. High energy density using a pulse laser enhances the chance of solute 

trapping instead of segregation of atoms in cell boundaries causing the formation of a 

homogeneous microstructure (Qiu et al., 2018). Both solute trapping and segregation 

enhance lattice strain that increase the dislocation density inside grains, so when the printed 

parts deform, the tensile stress-strain curve shows a higher yield strength compared to 

conventional manufactured 316L. Beyond the yield point on the stress-strain curve, a very 

low hardening rate was observed (Wang et al., 2018). Both high yield stress and low strain 

hardening rate indicate the high dislocation density even at the beginning of the test. This 

strongly differs from conventionally manufactured 316L that hardening rate is higher and 

yield stress is lower. The high dislocation density in the form of cellular structure inside 
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grains as a hierarchical structure is related to very high cooling rate and thermal gradient 

present in this process (Pham et al., 2017). The dislocation walls and solute trapping both 

have pinning effect that enhance initiating and growth of twinning, both of which delay 

failure (Qiu et al., 2018). Also using nitrogen as the atmosphere of the chamber promotes 

the formation of twins by reducing the stacking fault energy (SFE) that together with 

dislocation density, cellular structure, and solute trapping, cause TWIP behavior, which is 

able to compensate the negative effect of porosity in SLM processed 316L (Pham et al., 

2017).  

The microstructure of printed sample is dominated by austenitic nano- and micro-sized 

dendrites and needles mostly containing dislocations in the form of cells and walls 

promoting slip as a deformation mechanism (Qiu et al., 2018). Initiating of twinning in the 

deformation step by dissociation of dislocations, facilitated by small SFE promotes 

twinning as a deformation mechanism (Shamsujjoha et al., 2018). The main plastic 

deformation mechanism for SLM processed 316L is the combination of slipping and 

twinning. The dislocation walls formed during the manufacturing step make barriers for 

dislocations to move promoting the Hall-Petch mechanism. During tensile deformation, 

initiating and growth of twins form such walls that are considered barriers for dislocation 

to move further causing delay in failure. The effect of Hall-Petch together with the role of 

twin cell boundaries is called modified Hall-Petch as a strengthening mechanism that is 

ubiquitous for SLM 316L (Shamsujjoha et al., 2018; Wang et al., 2018).    

Tensile and Charpy-V tests on SLM 316L at high temperatures showed that this alloy can 

withstand elevated temperatures to fulfill the relevant codes of International 

Thermonuclear Experimental Reactors (ITER), while the conventionally manufactured 
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316L has some weaknesses in higher temperatures, where the microstructure can change 

and new phase can appear (Zhong et al., 2016). Very fine cellular structure sub-grains, 

pinning effect of solute trapping and very dense dislocation walls, and a hierarchical 

microstructure (melt pool boundaries, micro cells, and nano inclusions) are responsible for 

the extraordinary properties of SLM 316L at high temperatures (Zhong et al., 2016). This 

unique microstructure is formed because of the combination of rapid cooling, focused 

melting of laser, and layer by layer building. This in turn forms a special texture in 316L 

very much related to the implemented process parameters (Pham et al., 2017).  

Based on the employed process parameters, and thermal gradient variation within melt 

pools, texture is different in different building direction causing anisotropy in the final built 

parts. It should be noted, that the characteristics of twinning in SLM 316L strongly depend 

on this texture, as it was shown that twinning is formed predominantly in the grains with 

<111> aligned parallel to the loading direction. Therefore, based on the texture that formed 

in a specified direction, the mechanical properties can be predictable (Pham et al., 2017; 

Shamsujjoha et al., 2018). 

2.6 Deformation mechanisms 

Arrangement of atoms in crystalline materials is determined using the term 

“crystallography”. Directions and planes in crystals can be defined with reference to crystal 

lattice by using three integers known as Miller indices. Miller indices create a general 

notation system in crystallography for atomic points, directions, and crystallographic 

planes. These definitions of coordinate systems facilitate the understanding of crystal 

behavior in terms of applied forces. Indices in angle brackets, e.g., <111> represent a 
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family of direction vectors, while indices in curly brackets, e.g., {111} represent a family 

of planes (ARC, n.d.; Berkeley.Nanowire, n.d.).    

The basic deformation mechanisms in FCC alloys are dislocation slip and twinning, which 

occur in {111}<110> and {111}<121> respectively, and phase transformation (Humphreys 

and Hatherly, 2004). Deformation in alloys with twins is called TWIP and with phase 

transformation is called transformation induced plasticity (TRIP). Both twinning and 

martensitic transformation deformations are important factors for mechanical properties of 

austenitic stainless steels. The deformation mechanism is determined based on SFE, which 

varies in terms of chemical composition and temperature (Grässel et al., 2000). A stacking 

fault is a planar crystallographic defect, where the regular sequence of atoms is interrupted, 

as a result, the energy corresponding to faulted area increases. The extra energy related to 

the crystallographic fault is called SFE. SFE is a factor to measure the extend of dislocation 

dissociation to form stacking fault, so it has an effect on the movement of dislocations, 

their cross-slip, and dislocation annihilation. Therefore, SFE plays a profound role in 

determining deformation mechanisms (Hull, 1965; Mao, 2019).  

In alloys with twinning deformation mechanism, perfect dislocations tend to dissociate into 

two partials connected by a ribbon of stacking fault, so at such a configuration of extended 

dislocation core, the dislocation cross slip and annihilation of dislocations are strongly 

suppressed (Z. Y. Liang, 2016). Low values of SFE promote twinning deformation 

mechanism while with an increase in SFE, the dissociation of perfect dislocations is 

prohibited and slip becomes the main deformation mechanism (Pierce et al., 2015). There 

are some studies done on the variation of SFE and deformation mechanisms, which 

determine microstructure evolution during plastic deformation. Lower values of SFE 
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promote both deformation twins and martensitic transformation. The twin deformation can 

happen in lower values of SFE (between 20-40 mJ/m2) and SFE values below 20 mJ/m2 

promotes martensitic transformation (Sato et al., 1989). Furthermore, it was shown that it 

is possible for twinning deformation to occur in SFE range of 12-35 mJ/m2 (Allain et al., 

2004). Dislocation slip occurs at higher SFE ranges (more than 40 mJ/m2) (Allain et al., 

2004; Pierce et al., 2015). 

 

3. Experimental methods 

 

3.1. Manufacturing method 

Gas-atomized 316L stainless steel powder was supplied by Renishaw plc. The machine 

used for horizontally building the circular bar sample was Renishaw 250 (Figure 3.2), with 

Ar gas as an atmosphere. The machine uses a fiber-pulsed laser, which fuses the powders 

by producing the overlapped spots. Finishing one scan line, the laser beam jumps to an 

adjacent partially overlapped line with a meander pattern as a scanning strategy. The 

scanning direction is changed by rotating almost 70o between two consecutive layers, so 

reaching the ~ 180th layer, the same pattern is repeated (Figure 3.1). Table 3.1 shows the 

data of process parameters used in this study. 
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Figure 3.1 Meander pattern used for building parts and built horizontal SLM 316L. 

 

Table 3.1 Renishaw AM250 Specifications and SLM process parameters 

Specification/Process Parameter Type/Value Unit 

Atmosphere Ar - 

Building plate dimensions 250 × 250 × 325 mm × mm × mm 

Sample dimensions 8 × 8 × 105 mm × mm × mm 

Preheat temperature 200 °C 

Laser power 180 W 

Exposure time 65 µs 

Hatch spacing 0.18 mm 

Layer thickness 40 µm 
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Figure 3.2 Renishaw AM 250 Machine. 

3.2. Tensile test 

Built bars were machined to accurate dimensions (Gage length: 24 mm; gage diameter: 6 

mm) for uniaxial tensile tests according to ASTM E8 standard. The uniaxial tensile samples 

were tested by applying a strain rate of 10-3 s-1 (quasi-static loading conditions) until 

fracture using an Instron universal testing machine (model 1332) equipped with a hydraulic 

system. The reported value for the tensile test experiment was taken from the average of 

three different tests.  

3.3 High temperature compression test 

The cylindrical samples of 10 mm in diameter and 15 mm in height were used for 

compression test at temperatures from 700 to 1000 oC under constant strain rate of 10-3 s-1 
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with holding time of 60 seconds using a Gleeble® 3500 thermal-mechanical simulation 

testing system located at the University of Waterloo. 

    

3.4. Microstructure and texture analysis 

The X-ray Diffraction (XRD) data of the precursor powder and the as-built specimen were 

collected on a Bruker D8 DISCOVER instrument equipped with DAVINCI.DESIGN 

diffractometer using a Cobalt Sealed Tube Source (λ= 1.79026Å). One second step time 

along with a 0.02° step size over a 2θ range of 30–130° at 40kV and 30mA at 35kV and 

45mA power settings was used to extract the data. DIFFRAC.Measurement Centre Version 

6.5 software along with DIFFRAC.EVA Version 4.2 was used to analyze the X-ray 

measurements. Rietveld analysis through Topas Version 4.2 was employed for peak 

detection and analysis.  

TEM study was performed for the AM parts to take advantage of a higher spatial resolution. 

The samples were prepared by, at first, diamond saw to sections with 2mm thickness, which 

were then mechanically ground using SiC to 500 μm in thickness and punched to 3mm 

discs. Discs were mechanically polished using alumina suspensions and were subsequently 

dimpled. The dimpled discs were ion milled until perforation using a Gatan 691 PIPS. The 

microstructure was observed using a Tecnai Osiris Transmission Electron Microscope 

(TEM) equipped with a 200 keV X-FEG gun coupled with a Super-X windowless energy-

dispersive X-ray spectroscopy (EDS) detector system. A spatial resolution down to 1 nm 

was achieved during EDS mapping using a sub-nanometer electron probe. 
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For the scanning electron microscopy analysis, as-fabricated samples were ground using 

SiC papers ranging from 300 grits up to 4000 grits before polishing. The polishing step 

was performed using four diamond suspensions with particle sizes of 9, 6, 3, 1 µm, and 

then colloidal silica was used as a final polishing step. Finally, samples were etched by the 

BERAHA tint etchant using an aqueous solution of HCl (100 mL) with potassium 

metabisulfite powder (600 mg). 

A Hitachi SU-70 Field Emission Gun (FEG) ultra-high-resolution SEM was used to 

characterize the microstructure of as-fabricated and fractured surface of tensile specimens. 

The instrument was equipped with an Oxford Instrument C-Nano EBSD detector along 

with Oxford Instruments HKL Flamenco software. The EBSD scans were performed at 

low magnification over an area of 1 mm × 1 mm with a step size of 1 µm for as-fabricated 

while two scan modes were used for deformed sample: high magnification (80 µm × 80 

µm) and low magnification (600 µm × 600 µm) with step sizes of 0.08 µm and 1 µm 

respectively. The EBSD samples were prepared through a standard metallography 

procedure including mechanical grinding and polishing steps up to 0.5 µm colloidal silica 

using an automatic mechanical and vibratory polisher. The results of EBSD showing as a 

Kikuchi pattern and other orientation maps reveal useful information about preferred 

orientations and misorientation gradient across scanned surface induced by laser 

fabrication and deformation, by which special boundaries like twinning and grain 

boundaries can be detectable. 
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4. Results and discussion 

  

4.1. Phase analysis and structure 

The XRD patterns of the powder and as-built sample are shown in Figure 4.1. In the powder 

diffraction, a small amount of ferrite is observed while the bulk sample consists of pure 

austenite phase with a little broadening observed in SLM parts. The XRD pattern of SLM 

part confirms the formation of pure austenitic FCC according to standard reference pattern 

JCPDS 31-0619. The tiny ferrite traces are observed in powder, which convert to a fully 

austenite phase after the selective laser melting process. The broadening effect of peaks of 

SLM is mainly attributed to residual stresses and high density of dislocations. Furthermore, 

the achievement of slightly different FCC composition in the microstructure of 316L after 

the process might be another reason for this broadening as an elemental diffusion or 

evaporation during the laser melting may have taken place (Zhong et al., 2017).  
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Figure 4.1 XRD results for initial powder and SLM fabricated 316L. 

 

4.2. Macro- and micro-scale structure of as-built SLM 316L 

The etched surfaces of the sample reveal cross-sections of SLM as-built 316L structure 

obtained at macro- and micro-scales as shown in Figure 4.2.  

4.2.1. Macro-scale structure  

At the macro-scale, the scanning laser beam formed the periodic melt pools in each layer 

similar to welding beads. Unmelted particles and lack of fusion porosities are highlighted 

in Figure 4.2a, which are formed due to incomplete remelting of the previously solidified 

layer and a poor metallurgical bond (Zhong et al., 2017).  The melt pools as shown in 

Figure 4.2a, have the mean values of width and depth of almost 50 µm and 140 µm, 

respectively. The geometry and size strongly depend on process parameters such as 

exposure time, laser energy density, and laser beam size at the focal point. Various growth 
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direction of sub-grains can be observed within a melt pool as shown in Figure 4.2b 

indicated by black arrows. When the new layer is deposited by scanning of the laser, the 

previous layer may experience partial re-melting and then by repeating the process, the 

melt pools are formed. In a few grains, following maximum temperature gradient 

directions, the epitaxial growth is obvious, see Figure 4.2c.  

 4.2.2. Micro-scale structure 

As shown in Figure 4.2b and Figure 4.2c, each fusion boundary contains grains whose sizes 

are below 50 µm. Due to the dynamic nature of laser melting, the maximum temperature 

gradient is moving as the laser moves across the build plate, so the cellular structure with 

various morphologies is formed with respect to the variation of local solidification and 

growth directions (Shamsujjoha et al., 2018). There are some previous studies (Liu et al., 

2018; Saeidi et al., 2015; Wang et al., 2018; Zhong et al., 2016), that showed cell 

boundaries are suitable sites for segregation of ferrite stabilizers during solidification 

causing residual stress concentration at cell boundaries. On the other hand, some studies 

reported that there is a transition from elemental redistribution to solute trapping with 

increasing the solidification rate (Celestini and Debierre, 2000; Danilov and Nestler, 2006; 

Kittl et al., 1995). Occurring the solute trapping where the partitioning coefficient, i.e. the 

ratio of solute concentrate at solid divided by the solute concentration at liquid at the 

solid/liquid interface, equals unity can be achieved by using a pulsed-fiber laser (Qiu et al., 

2018). This also facilitates the formation of each melt pool in a unique microstructure, 

having more random grain orientations and less epitaxial growth (see Figure 4.2a and 
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Figure 4.2b). The cooling rate can be obtained by using primary cellular arm spacing 

(PCAS) for austenitic stainless steel (Ma et al., 2017) can be written as: 

𝜆 = 80�̇�!".$$                                                      (1) 

where 𝜆 (µm) is the PCAS (in this case is the primary dendritic columnar spacing) and �̇� 

is the cooling rate (K/s). Based on the measurements done on average values of ten data, 

the PCAS in this work is about 600 nm, and the calculated cooling rate is 2.7 ´ 10!  K/s, 

which is higher than cooling rates calculated for continuous laser in SLM processing (Qiu 

et al., 2018), and within the range of pulsed laser for austenitic stainless steel measured via 

calculation of primary dendritic spacing by Katayama et al. (Katayama and Matsunawa, 

1984), 5 ´ 10% and 5 ´ 10& K/s varied by the magnitude of the pulse energy.  
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Figure 4.2 The SEM images of as-built 316L sample showing (a) melt pool assemblages and the types 
of porosity; (b) solidification cellular sub grain within a melt pool with growth direction of needles and 
cells indicated by arrows; (c) grain structure of melt pool; (d) columnar dendrites at interface of a melt 
pool boundary. Dashed lines show fine grains at the bottom of melt pool. 

 

4.3. Mechanical behavior 

As shown in Figure 4.3a, the uniaxial tensile yield strength of SLM 316L (loaded 

perpendicular to building direction) is 580 MPa, which is two to three times higher than 

conventionally fabricated 316L material (Mower and Long, 2016; Rawers et al., 1996; 

Wang et al., 2018) with steady strain hardening ability. Furthermore, the results of the 

tensile test in this work compared to other studies in SLM 316L (see Figure 4.3b), reveal 

that the yield strength is among the highest ones.   
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Figure 4.3 (a) The stress-strain curves (true & engineering) for SLM 316L until rupture. (b) The yield 
strength and ductility data of SLM processed 316L from literature [1](Zhong et al., 2016), [2](Saeidi 
et al., 2015), [3](Kazemipour et al., 2019), [4](Bartolomeu et al., 2017), [5](Suryawanshi et al., 2017), 
[6](Buchanan et al., 2017), [7](Brytan, 2017), [8](Liverani et al., 2017). 

 

Figure 4.4 shows the corresponding Kocks-Mecking strain hardening plot and its 

derivative, also known as the double differentiation method developed by Poliak and Jonas 

(Poliakt and Jonass, 1996), which shows a high steady strain hardening rate at high-stress 

levels. As shown in the plotted strain hardening rate with flow stress, there are specified 

five stages similar to the behavior of low SFE and TWIP alloys at the same time. After an 

enhanced decrease up to 635 MPa (stage A), it reaches to the first stable level, which lasts 

almost 50 MPa (stage B). At this stress level, the strain hardening coefficient is calculated 

G/53 (where G is shear modulus).  Then it gradually decreases to 715 MPa (stage C) and 

reaches the second stable level with a strain hardening coefficient of G/55 up to 730 MPa 

(stage D). Finally, over this stress, the strain hardening rate decreases again until the 

specimen rupture (stage E). The first stable stage is attributed mainly to the behavior of the 

low SFE steels like 70/30 brass, 80/20 brass, MP35N (El-Danaf et al., 1999), and the 
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second one is attributed to TWIP steels (Barbier et al., 2009; Gutierrez-Urrutia et al., 2010), 

both of which differ from the conventionally manufactured 316L, which shows 

monotonous decay as a function of strain (Liu et al., 2018).  The constant stages are clearly 

indicated in the derivative plot in Figure 4.4b.         

 

Figure 4.4 Strain hardening rate curve vs. true stress (a), and its derivative (b). 

4.4. Texture evolution 

4.4.1. As-built sample 

Figure 4.5 shows the EBSD orientation map of the as-built sample in building-transverse 

directions (BD-TD) with a texture index of ~2 along the <100> direction as computed from 

Inverse Pole Figures (IPFs). A continuous change in color is observed in each grain 

indicating intragranular misorientation and dislocation cells (Wang et al., 2018). The 

EBSD data indicate that the as-built sample contains a large fraction of low angle grain 

boundaries (LAGBs), which are formed during SLM process shown as red lines in Figure 

4.5b. Obviously, these nonconventional cellular sub-grains, grain shapes and their 
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distributions, and orientation gradient indicate the unique microstructure of SLM 316L. 

Based on the measurement of high angle grain boundaries (HAGBs), the grain sizes are in 

the range of 10 to 50 µm, which is in good agreement with the SEM data. As seen in the 

orientation map, the columnar crystal growth follows the maximum temperature gradient, 

which varies with moving the laser beam, while maintaining their preferred growth 

direction, parallel to <100>. The so-called growth direction, the fiber <100> parallel to 

building direction, has been also reported before due to the preferred growth direction of 

SLM built cubic parts (Geiger et al., 2016; Shamsujjoha et al., 2018).  

 

Figure 4.5 EBSD IPF map (a) and image quality map with superimposed HAGBs and dislocation cells 
with misorientations below 10o (DCs)(b) for SLM 316L acquired with 1µm step size. 

 

Figure 4.6a shows the pole figures (PFs) of (100) and (111) related to both ESBD and 

XRD, where the building direction (BD) is at the x-axis and transverse direction (TD) is 

the y-axis. Superimposing PFs with standard stereographs, it is concluded that the (110) 

plane set of the most of grains is aligned with the scan surface, while <100> direction is 

statistically the dominant growth orientation of grains (tilted ~ 15 degrees away from both 

axes in PFs, with texture index of weak 2.77). Although the result of XRD shows the 
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weaker intensity obtained from the diffraction of many more grains in a vast area (7 mm× 

7mm) compared to EBSD data, both of which almost confirm each other. Besides <100> 

grains oriented along BD, the occurrence of this orientation along TD is mainly attributed 

to the scanning strategy of cross hatching with a rotation of almost ~ 70o between layers. 

The orientation distribution function (ODF) of EBSD and XRD shown in Figure 4.6d and 

Figure 4.6e indicates both <100> fiber and the traces of the Goss component ((110) <100>), 

which confirms the result of standard stereograph/PFs superimposing. The reported texture 

of 316L SLM varies and can be determined based on SLM processing parameters (Zhou et 

al., 2015). It is well-known that cubic crystals during solidification grow along <100> 

direction as a favored crystal orientation expected from the energy reasons, as the majority 

of studies on SLM 316L reported this texture (Kazemipour et al., 2019; Niendorf et al., 

2013; Shamsujjoha et al., 2018; Sun et al., 2018). 

The (110) <100> texture is reported for a single weld track or zigzag scanning strategy 

where many parallel columnar grains grow from grains of the previous layer and pass 

through many melt pool boundaries along building direction (Zhou et al., 2015). In this 

study, however, using cross hatching between layers, the texture becomes more 

complicated as a result of varied heat flux directions and fractionating of columnar grains. 

On the other hand, the <110> texture was also observed in AM 316L that manufactured 

with high energy laser leading to more distinct melt pools with small grain sizes (Sun et 

al., 2018). The evolution of (110) <100> texture despite using cross hatching strategy of 

this work, reveals that the texture is more influenced by the solidification rate and laser 

energy rather than the scanning strategy. Therefore, using a high cooling rate (about 2.7 ´ 
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10& K/s) resulting in discrete melt pools and less pronounced epitaxial growth (see Figs. 

2a and b), favors the <110> texture, opposing to studies of SLM parts with epitaxial growth 

and different textures (Casati et al., 2016; Kazemipour et al., 2019; Niendorf et al., 2013). 

The texture of the as-built sample, however, is weak. Based on a mechanism reported by 

Shamsujjoha et al. (Shamsujjoha et al., 2018), a bi-directional scanning strategy causes 

changing heat flow direction between building layers, as a result, columnar growth is 

hindered and weak texture is evolved.  

 

Figure 4.6 EBSD IPFs parallel to BD and TD (a), PFs of two (111) and (100) plain types obtain from 
EBSD (b), XRD (c), and ODFs obtained from EBSD (d), XRD (e) for as-built SLM 316L. 

 

4.4.2. Deformed sample 

The EBSD inverse pole figure map along the tensile direction of deformed sample at the 

fracture strain revealed deformation twins ((111) <112>) specified as bundles in red color 

with the range of 500 nanometers up to 2 microns in Figure 4.7a specified by black arrows. 
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The texture is characterized mostly by grains of <111> parallel to loading direction (LD) 

shown in Figure 4.7d, and the minor number of grains with <100> parallel to LD. This 

texture is further confirmed by the inverse pole figure with strong texture of <111> and 

weak <100> along LD. This texture is a typical TWIP steel texture that is deformed by 

tensile test in room temperature (Barbier et al., 2009; El-Danaf et al., 1999; Gutierrez-

Urrutia and Raabe, 2011; Ueji et al., 2008). The twins are observed in grains with <111> 

aligned with tensile directions, and no twinning activity is observed in grains with <100> 

//LD. Schmid’s law is a useful method to identify the relationship between twins with 

crystal orientations. As clearly seen in the Taylor factor map (Figure 4.7c), the deformation 

induced twins appear just in grains with Taylor factor (M) greater than 3 and these grains 

are aligned with <111> //LD. The result is consistent with previous studies on TWIP steels 

(Beladi et al., 2011; Gutierrez-Urrutia et al., 2010; Yang et al., 2006). It is believed that, 

the pile-up of dislocations (low/high angle grain boundaries shown in Figure 4.7b) and 

activation of multiple slip systems are necessary for inducing twinning during deformation 

(Karaman et al., 2000). A higher amount of Taylor factor (M) means the occurrence of the 

higher magnitude of intragranular crystallographic shears with regard to LD resulting in 

enhancing the strain hardening and higher density of dislocations called geometrically 

necessary dislocations (GND), which are needed to maintain strain compatibility with 

neighboring grains (Karaman et al., 2000; Sun et al., 2018). For blue colored grains (M<3), 

there is no sufficient dislocations walls and slip systems to form suitable sites and driving 

force for initiating of twins, so the dominant deformation mechanism is slip.  
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Figure 4.7 (a) EBSD IPF map along LD, (b) grain boundary map with dislocation cells specified by 
grey color with misorientations below 10o, (c) calculated Taylor map and (d) <111> fiber texture map 
for deformed SLM 316L at fracture stress (deformation induced twins are specified by the black 
arrows). 

 

PFs of (111) and (100) of both EBSD and XRD and relevant ODF for three degrees are 

shown in Figure 4.8. Pole figures show two textures along the LD, the stronger (111) and 
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weaker (100), which are typical textures of TWIP steels favoring the formation of twins 

during deformation. Superimposing the literally matched standard stereograph on the PFs 

(both XRD and EBSD) reveals (110) plan of the most grains are aligned with scan surface 

with <111> as the dominant direction parallel to the loading direction, which was explained 

in LD-IPF map section. In other words, this acquired texture, (110) <111>, shows that 

during deformation α fiber is intensified. Like what was observed in as-built sample, the 

texture in XRD is also weaker than EBSD as diffracted from the wider area. The ODFs 

also show the stronger <111> //LD and β fiber, extending from copper (112) <111> (in Φ2 

= 45o) to S (123) <634> (in Φ2 = 65o) to Brass (110) <112> (in Φ2 = 90o). This texture is 

also consistent with other works on TWIP steels that reported pronounced <111> // LD 

(brass and rotated copper) and weak <100> // BD fiber (rotated Goss and cube) in which 

the former texture promotes twinning while the latter is just enough for slip deformation 

(Barbier et al., 2009; Gutierrez-Urrutia and Raabe, 2011). The α fiber obtained from 

superimposing PFs and standard stereograph, is also revealed here in Euler angles (Φ1, Φ, 

Φ2) of 35,90,45 (Haase and Barrales-Mora, 2019), composed of Brass and Goss 

components, which is considered Brass-type texture showing in alloys with low SFE 

(Leffers and Ray, 2009). Observing both α and β fiber with strong <111> // LD clarifies 

the fact that the deformation behavior of SLM 316L is characterized by a combination of 

TWIP and low SEF alloys simultaneously.   
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Figure 4.8 EBSD IPFs parallel to LD and TD (a), PFs of two (111) and (100) plain types obtain from 
EBSD (b), XRD (c), and ODFs obtained from EBSD (d), XRD (e) for deformed SLM 316L at rupture 
strain. 

 

4.5. Geometrically necessary dislocations 

Misorientation angle distribution histogram reveals valuable data related to GNDs and 

preferred crystal orientations by showing the relationship between correlated, uncorrelated, 

and theoretical misorientation distributions. During manufacturing and deformation, the 

density of both GND and statistical dislocation increases. The process of creating new 

boundaries is called fragmentation that GNDs are needed to geometrically accommodate 

two adjacent grains with different dislocation densities. In the meantime, there are 

statistical dislocations that don’t produce significant misorientations, such as dislocations 

that form dislocation cells within grains (Toth et al., 2016). In additive manufacturing, it is 

shown that the density of GNDs in sub-boundaries concentrated in dislocation cellular 

patterns is higher than grain boundaries (Witzen et al., 2020). The correlation between 

distributions of rotations in adjacent grains is called next neighbor misorientation 
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distribution (NNMD). The random orientation distribution of polycrystal is plotted by the 

so-called Mackenzie distribution (Mackenzie and Thomson, 1957). Also, random pair 

misorientation distribution (RPMD) is calculated based on misorientation distribution 

between grains that are not neighbors, in which misorientation of given grain with other 

randomly chosen grains is computed. RPMD that differs from Mackenzie distribution 

indicates that there should be an overall texture in the microstructure. In this regard, as 

shown in Figure 4.9 for the deformed sample, the misorientation of RPMD differs from 

Mackenzie especially in high misorientations that its intensities are higher. The reason is a 

preferred orientation found in the deformed 316L part, however, as the texture index is not 

very high, the difference is small. Similarly, a very low difference observed in the as-built 

part shows very weak texture as indicated by a low texture index in the previous section. 

GND density is responsible for the formation of grains with diverse shapes during 

deformation in a self-organization manner by creating new grain boundaries. The GND 

densities are changing in the same way as differences between NNMD and PRMD. 

Quantifying the difference between NNMD (N(g)) and RPMD (R(g)), the formula is as 

follows, where both N(g) and R(g) are normalized density probability functions (Toth et 

al., 2016): 

𝑅 = 	*∫[𝑁(𝑔) − 𝑅(𝑔)]'	𝑑𝑔                                     (2)    

As shown in Figure 4.9, at the beginning of deformation, the amount of R (the difference 

between NNMD and RPMD) is high, which is predictable because of the high density of 

dislocations induced by the SLM process. While the difference still exists after 

deformation, the amount of R is less than the as-built part. As reported by (Toth et al., 
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2016), during straining the GND density first goes up (increasing R) reaching the 

maximum and then goes down to be constant (R is constant), finally it remains constant 

until failure. Decreasing the R can be explained by two possible explanations. First, grain 

fragmentations occurred in high stress causes grouping GNDs into walls with high 

misorientation angle, i.e. new GBs, so these GNDs cannot be further counted as GNDs.  

The second reason is decreasing the degree of heterogeneity as the main mechanism of 

GND wall formation during deformation, which is a self-organization process like the 

process of formation of dislocation cells by statistical dislocations accompanied by 

decreasing enthalpy. At the beginning of deformation, the driving force is high enough to 

compensate for the great difference of heterogeneity, so the degree of homogeneity 

increases with more straining leading to a decrease in GNDs due to the low magnitude of 

driving force. Moreover, the difference between NNMD and PRMT indicates special 

features in adjacent grains (Obbard et al., 2006), which in this work is the formation of 

deformation induced twinning obviously shown in high intensities at around 60o with 

predominantly Σ3 boundaries.  



 

39 

 

 

Figure 4.9 Misorientation angle distribution obtained from EBSD for both as-built and deformed 
SLM 316L. 

 

4.6. Types of twinning  

To detect the types of deformation induced twins, the low magnification image map of IPF 

along the LD is shown in Figure 4.10a. Regarding the infinite number of possible 

orientations between two grains, there are some points at which lattice points of two grains 

coincide with each other called coincide site lattice (CSL) represented by Σ called “degree 

of fit”; among the possible angles of grain boundaries, Σ3 is the most coherent twins. 

Statistical calculations of CSL numbers show that the twins are most likely Σ3 type with 

minor ones in Σ9 and Σ27, see Figure 4.10b. 
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Figure 4.10 IPF map (a) and frequency of CSL boundaries (b) for deformed SLM 316L. 

 

The distribution of CSL boundaries obtained from the high magnification LD-IPF map 

(Figure 4.7a) is shown in Figure 4.11a. Similar to CSL frequency distribution shown in 

Figure 4.8b, it shows that deformation induced twins are almost Σ3, i.e. one out of three 

lattice sites belongs to the CSL, which forms the highest coherent boundary (Was et al., 

1998). As indicated by misorientation axes in terms of crystal coordinate system extracted 

from high magnification LD-IPF (see Figure 4.11b), the coherent Σ3 boundaries are aligned 

with <111> crystal direction with the highest point density, which is in good agreement 

with extracted texture component in the previous section.   
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Figure 4.11 CSL boundaries map (a) and misorientation axes vs. crystal coordinate systems (b) for 
deformed 316L. 

 

Most grains contain merely the primary twin system (according to the highest Schmid 

factor (Gutierrez-Urrutia and Raabe, 2011)), while the secondary twin system exists in just 

a few grains as shown in Figure 4.10a. Figure 4.12 shows three twin configurations for 

these minor grains in this work. A grain shown in Figure 4.12a contains twins that activated 

simultaneously while a grain in Figure 4.12b contains twins that activated in different 

regions of a grain. The third type of grain (Figure 4.12c) contains a mixture of both former 

configurations. There is, however, a missing twin configuration in this study, i.e. 

sequentially activated twins, observed in TWIP steels with a high density of twins (Barbier 

et al., 2009; Gutierrez-Urrutia and Raabe, 2011). In TWIP steels, there are well-developed 

twins by a combination of both primary and secondary systems well organized together, 

which is predictable from a very high overall strain hardening rate (high hardening 

coefficient at a constant level, e.g. G/30 (Barbier et al., 2009)) and positive slop of stage C 

in strain hardening rate curve. The reason can be found in the mean free path of dislocations 
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(MFP) approach, explained by Bouaziz et al. (Bouaziz et al., 2008) and Allain et al. (Allain 

et al., 2004), which is further reduced by the high density of twins in TWIP steels. As a 

result, contrary to this work, the most grains in TWIP steels contain both configuration 

systems and just a few of them include one primary systems (Barbier et al., 2009; 

Gutierrez-Urrutia and Raabe, 2011). In this study, despite the lack of high density of twins, 

the strain hardening rate shows two constant levels with slowly decreasing level between. 

The occurrence of the first one (stage B) is due to the initial high densities of dislocation 

pile-ups formed after manufacturing and planner slip (typical of slipping in low SFE alloy) 

that cause deceasing MFP leading to precipitation of primary twins (Gutierrez-Urrutia and 

Raabe, 2011). Straining more and further refining dislocation structure develop a dense 

twin structure by low-speed decreasing rate in level C to increase twin bundles and reach 

the second constant level. At the second constant level in stage D, the secondary twin 

systems are emerged. However, high levels of stresses are needed to produce new twins; 

thus, twins evolve in a few grains supported by delimiting of twin movement and partially 

reduced MFP.  
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Figure 4.12 The highlights of three configurations of twins acquired from EBSD IPF mapping after 
deformation at fracture strain: (a) twins are activated simultaneously with (d) their schematic of twin 
configuration, (b) twins are activated in different regions of grain with (e) their schematic of twin 
configuration, (c) mixture configuration of two former ones with (f) their schematic of twin 
configuration. 

 

4.7. Microstructure analysis of deformed SLM 316L 

Primary twins and dislocation cell configuration after deformation are shown in Figure 

4.13. Twins are in the range of several atomic layers up to 15 nanometers, with bundles of 

up to 50 nm. STEM chemical elemental map (EDX) shows that there is no atomic 

segregation in cell boundaries as predicted before due to achieving a very high cooling rate 
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by using fiber-pulsed laser resulting in homogeneous cells with the occurrence of solute 

trapping.  

Elemental mapping indicates that solutes are silicate-based oxides formed during the 

manufacturing process with sizes below 50 nm and in spherical shapes. Residual oxygen 

traces existed in the chamber react with Si in powder bed at the very high temperatures 

resulted from laser fusion of powders to form these inclusions (Zhong et al., 2016). Besides 

macro- and micro-scale structures, these inclusions relate to the nano-scale features 

forming a hierarchical structure. These particles are even observed in the fracture surface 

shown later in this work.  

Intra-granular cells are separated from each other by high-density dislocation walls shown 

in Figure 4.13 whose thickness and sizes strongly depend on the thermal gradient, cooling 

rate, and solidification front velocity during the building process (Prashanth and Eckert, 

2017; Wang et al., 2018). This complex dislocation network is achieved by dissociation of 

dislocations into partials, which is facilitated by a low SFE of 316L SLM. The partial 

dislocation is a tool that 316L uses for deformation (Hull, 1965) with the Burgers vector 

of 1/6 [211]. Initially, the SLM process produces the complex dislocation network, which 

plays a profound role in interaction with partials during deformation as a barrier for 

dislocation movement leading to increasing the ductility.  
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Figure 4.13 Bright field (BF) STEM image and EDX elemental mapping of dislocation network and 
nano twins; (a) high, (b) low magnification of SLM 316L after deformation. 

 

Based on the mechanism of the dynamic movement of partials reported by (Liu et al., 

2018), there are two categories of the partials, leading and trailing partials, by which 

evolution of stacking fault and hindering of dislocation movement can be explained. 

Increasing the strain causes leading partials to go out from wall A (see Figure 4.13a), and 

then being trapped by wall B, so leaving behind the trailing partial in cell wall A. Further 

straining, wall B can no longer hold the leading partials, which then leave wall B toward 

wall C against, meantime, the trailing partial is stressed enough to leave wall A reaching 
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wall B. This mechanism simply shows how partials have an important effect on the delay 

of dislocation movement. The more complex the dislocation network is, the more hindering 

effects are produced, and higher ductility is achieved. A more complex network of 

dislocations also can be easily achieved by the formation of dislocation loops. These are 

initiated from sites provided by high dense partials that are accommodated in a complex 

configuration of dislocations, by which dislocation cells become even the stronger barrier 

to separate partials. Recurring the separation process of the partials compels them to lose 

their partners, so the sessile dislocations are more likely trapped by this complex 

configuration of dislocation walls. As a result, the twinning forms as the same type as the 

glissile partials gliding in adjacent planes. Formed twins also play as new impedes to 

partials by producing new boundaries, which increase the degree of complexity of 

dislocation network by the new process of dislocation-twin and twin-twin interaction. The 

enhanced complex structure further refines cell structures, and causes increasing the 

strength without sacrificing the ductility by the so-called Dynamic Hall-Petch mechanism 

(Gutierrez-Urrutia and Raabe, 2011). This process has been well defined by studies done 

on MFP approach focusing on twin spacing parameters, which is responsible for high strain 

rate observed in strain hardening rate (Allain et al., 2004; Barbier et al., 2009; Bouaziz et 

al., 2008; Shiekhelsouk et al., 2009).  
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Figure 4.14 Dark field TEM image (a), and indexed diffraction pattern along with twin/matrix 
configuration (b) of SLM 316L after deformation. 

 

The TEM dark field image (DF) of nano twins with zone axes of [110] is shown in Figure 

4.14 (a). The analysis of diffraction pattern (see Figure 4.14.b) clarifies that one twin 

system is observed (primary system) with twin boundary parallel to (111) plane. This 

characteristic of the deformation-induced twin is similar to FCC TWIP steel (Ueji et al., 

2008). The nano-twins can be also seen in high resolution transition electron microscopy 

(HRTEM) image. The twins are in the size range of up to 2 nm, and the sequence of 

twin/matrix is also shown (see Figure 4.15). There is a stable twin thickness where the 

critical twin stress, i.e. the stress from which twins initiate, is reached and then, twins can 

grow easily, which can be facilitated by a lower amount of SFE. Based on various models 

proposed to show the relationship between twin critical stress and SFE, there is a  positive 

dependency of SFE and critical twin stress (Z. Liang, 2016). In this work, the critical twin 

thickness is almost 4-5 atomic layers shown by X in Figure 4.15a, which also support the 

density functional theory (DFT) calculated for FCC in the work of Ogata et al. (Ogata et 
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al., 2005), in which the stable layer thickness is below six atomic layers. The previous 

study with higher twin densities (Lie et al.(Liu et al., 2018)) reported two atomic layers as 

a stable thickness for twins to grow easily based on simulation growth mechanism theory. 

This finding also indicates why the twinning density in this work is not high enough to 

cause strain hardening rate to increase in stage C and increase ductility as much as other 

studies on SLM (Oh et al., 2019; Saboori et al., 2020; Saeidi et al., 2017). The stabled 

nano-twins are also playing as new cell boundaries to hinder the movement of partials, like 

what reported for twin substructure evolution in TWIP steel (Gutierrez-Urrutia and Raabe, 

2011), by the dynamic Hall-Petch mechanism and reducing MFP, which lead to a very 

slow decrease in stage C and constant level of D in strain hardening rate curve. The 

dynamic Hall-Petch mechanism, similar to TWIP steels, together with the strengthening 

effect of nano oxide inclusion, similar to ODS steels (oxide distributed strengthening), 

cause outstanding high strength and moderate ductility in spite of having diverse types of 

porosities resulted from laser melting.  
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Figure 4.15 High resolution (HR) TEM micrograph representing atomic structure of deformed SLM 
316L at the fracture strain specifying the stable nano-twin thickness (a), and twin/matrix sequence (T: 
Twin, M: Matrix) (b). 

 

4.8. Fractography  

The fracture surface morphology of SLM 316L (Figure 4.16) shows both ductile and brittle 

fractures distinguished by sub-micron dimples and pulled out melt pool features (marked 

by dotted lines in Figure 4.16a) respectively with the dominance of ductile fracture. The 

fracture surface contains crater-like voids in the range of ten up to 70 micrometers in 

diverse shapes indicated by white arrows in Figure 4.16b and can be obviously seen around 

pulled out fusion boundaries in Figure 4.16a (dotted lines), which are believed to be 

common sites for nucleation of cracks in mechanical tests and the failure (Zhong et al., 

2016). Compared to other studies on laser melting (Furuya et al., 2009; Qiu et al., 2018; 

Zhong et al., 2016), the fact that many more voids with smaller sizes are observed in the 

fracture surface of this work indicates why the ductility is not as high as some other 

reported SLM austenite stainless steel alloys. As shown in Figure 4.16b, there are un/semi-
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melted particles located in voids, formed in regions whose melt pools are not overlapped 

thoroughly due to insufficient melting, so the deformation process leads them to be pulled 

out and left behind in the crater-like voids. It is believed that the detachment of material 

during deformation is the cause of initiating the voids, which then grew and formed in 

diverse shapes with increasing the tensile stress up to the failure point. These macro-scale 

voids are similar to what was observed in the fracture surface of conventionally 

manufactured steels. In this work, however, as indicated in Figure 4.16c with black arrows, 

other types of voids were emerged whose formation is strongly led and restricted by 

cellular structure and ductile dimples throughout the surface. The second type of voids is 

in the range of 100-400 nanometers of the same size as a cellular network, which cannot 

be seen in other conventional methods.  Ductile dimples as shown in Figure 4.16c,d have 

an average size of 200 nanometers, which are much smaller than the previously 

manufactured SLM 316L (Oh et al., 2019; Qiu et al., 2018; Saboori et al., 2020; Saeidi et 

al., 2017; Zhong et al., 2016). These are almost the same size as intra-cellular dislocation 

cells formed during the process, i.e., sites with localized stress that detached during the 

failure to form dimples with sizes of about 100-300 nanometers. Based on the mechanism 

suggested by Zhong et al. (Zhong et al., 2016), during deformation, the nano-voids formed 

by the detachment of materials increase as tensile stress goes up, then accommodated in 

special paths where they conjugate by further straining to form tracks suitable for failure 

propagation. The necking area in the coalescence of nanovoids is appropriate sites for crack 

initiation opposing to brittle fracture that crack propagates from micro-voids. As a result, 

the ductile dimple sizes of about 100-300 nm are observed in fracture surface, almost the 

same size as the second type of voids with hundreds of nanometer size.  



 

51 

 

As indicated by the black arrows in Figure 4.16d, there are some nanosized silicon rich 

oxide particles with sizes in the range of 15-80 nm inside dimples. Despite using the inert 

gas in the chamber, small amount of residual oxygen may exist at the beginning of 

manufacturing, whose value is expected to decrease during the melting process. Another 

source of oxygen is related to the process by which powders are produced, gas atomizing, 

so powders had some amount of oxygen when they fed into the chamber. The oxygen was 

consumed by Si as a very reactive element during melting and formed the melted oxides 

that are different from the metallic melt. Therefore, during the solidification thanks to very 

high cooling rates resulted from the fiber-pulsed laser, they emerged as nano-sized 

spherical inclusions, which are dispersed in microstructure. Introducing these nano 

inclusions into the structure of 316L as a source of stress concentration (Li et al., 2019)  

improves the strength and allows to increase the alloy’s operating temperatures particularly 

for use as a structural steel in fusion reactors as oxide dispersion strengthened (ODS) steel 

(Lindau et al., 2002), herein this study proposes a new way to fabricate that. Zhong et al. 

(Zhong et al., 2016) reported the density of the inclusions in terms of hardness for different 

spots of the sample, in which the density of these nano inclusions decreases as the process 

proceeds. The higher the density of nano inclusions, the higher the micro-hardness is 

achievable. The homogeneously distributed nano inclusions further hinder crack 

propagation by enhancing the pinning effect and constrain the ductile dimples to nanoscale.  
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Figure 4.16 Field Emission (FE) SEM fractographs of deformed SLM 316 in low magnification (dotted 
lines are fusion boundaries) (a), and high magnifications (b, c, d) as arrows in b, c and d are referred 
to micro/sub-micron porosities and nano-sized oxide inclusions respectively. 

 

4.9 High temperature behavior of AM 316L 

316L is an important alloy for advanced applications especially in nuclear power industry. 

In this regard, this alloy has been examined in many ways including hot deformation 

behavior in which, some complex changes occur in microstructure that can alter the 

properties of final products (Sun et al., 2014). To optimise the process for overcoming 

formation of defects during hot deformation, it is necessary to investigate the 

microstructural evolution.  There are variety studies done on microstructural evolution of 



 

53 

 

austenitic stainless steels in hot deformation with the subject of dynamic recrystallization 

(DRX) (Dehghan-Manshadi et al., 2008; Kim and Yoo, 2001; Mataya et al., 2003). The 

mechanism includes elongation of grain boundaries along deforming direction with DRX 

grains nucleated at the serrated GBs. HAGBs are suitable sites for nucleation of DRX, then 

these DRX grains coarsen and cover all boundaries as a single structure called “necklace” 

structure (Mandal et al., 2007). Formation of DRX structure is affected by some parameters 

including chemical composition, initial grain size, precipitates (especially for alloys that 

have strong tendency of forming carbides like steels with Cr and Mo), and process 

parameters (Liu et al., 2014; Sun et al., 2014).  

 

Figure 4.17 Stress-Strain curves for samples deformed at various temperatures. 
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A series of uniaxial compression tests at various temperatures from 700 to 1000 oC was 

performed and the resultant stress-strain curves are shown in Figure 4.17. At temperatures 

higher than 800 oC, an increase in strain led to an increase in stress peak followed by a 

strain softening process and then it reaches to a steady state stress called dynamic 

recrystallization steady state (sdrxss) as shown in schematic presentation of flow curve of 

DRX in Figure 4.18. With increasing temperatures, a strain corresponding to peak stress 

decreased and subsequent work softening increased. This is a typical trend observed for 

dynamic recrystallization. As seen in the curve corresponding to 700 oC in Figure 4.17, 

there is an increase in flow stress with strain up to a critical steady state stress (sdrvss in 

Figure 4.18). This is a typical trend observed in dynamic recovery processes at which the 

generation and annihilation of dislocations balance each other (Belyakov et al., 1998) 

 

Figure 4.18 Schematic stress-strain curves corresponding to dynamic recovery and dynamic 
recrystallization (Zahiri et al., 2005). 

 

Dynamic recrystallization as seen in curves corresponding to temperatures higher than 800 

oC, exhibits a critical stress at which dynamic recrystallization initiates, then it reaches to 

a peak followed by work softening, in that dislocation density is decreased leading to steady 

state condition. Therefore, there are two steady state stresses related to dynamically 
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recovered and dynamically recrystallized materials representing two levels of saturated 

dislocation densities (see Figure 4.18). As recrystallized new grains correspond to work 

softening process followed by peak stress, the number of eliminated dislocations as a result 

of generation of new recrystallized grains can be obtained by calculation of the difference 

between two dislocation densities (Zahiri et al., 2005).   

 

 

Figure 4.19 SEM images of sample deformed at 900 oC in two magnifications. 

Final microstructure related to deformed sample at 900 oC as shown in Figure 4.19 may 

show a DRX structure containing new spherical grains with sizes in the range of 80 to 150 

nanometers. However, further analysis of nucleation and growth of new DRX grains is 

expected to be the future work.   
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4.10 Final discussion  

The hierarchical structure as an output of SLM in microstructure is responsible for strength-

ductility trade-off whose all parts are engaged in the deformation process by introducing a 

combination of deformation/strengthening mechanisms. Millimeter size melt pools and 

grain boundaries are the weakest and the lowest density part that all defects placed there, 

so they are the starting point of failure (see Figure 4.16a and Figure 4.2a). The propagation 

of crack is controlled by second and third stages, which are micrometer dislocation cellular 

structures and nano-sized dimples and oxide inclusions, that increase both strength and 

ductility simultaneously and enhance defect-tolerance in this process. Intragranular 

dislocation structure together with the evolution of twinning aided by a high density of 

partials, not only increases the ductility itself but also strengthens alloys by creating new 

boundaries via Dynamic Hall-Petch mechanism. Preserving the dislocation cellular 

configuration up to failure revealed by hundreds of nanometers-sized dimples enhanced 

the twin-dislocation and dislocation-dislocation interaction. Finally, the last part of the 

hierarchical structure, nano-sized oxide inclusions, hinders the crack propagation by 

providing a pinning effect.     

In the micro-scale structure, the pre-existing dislocations after manufacturing (dislocation 

walls/cells) are an internal source of partial dislocations and twining. The high initial 

dislocation density is the main factor leading to the high flow stress observed in AM parts 

compared to wrought 316L parts (Bronkhorst et al., 2019). Increasing dislocation storage 

is attributed to the cellular misorientations, which maintains its configuration up to failure 

and hinders the further dislocation movement by producing the pinning effect of induced 
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defects around misorientation (Barbier et al., 2009; Liu et al., 2018). This long-lasting 

dislocation network structure itself and its interaction with formed twins are the main 

reasons for outstanding high strength and moderate ductility in this work despite various 

porosities existed in the sample due to laser melting. Twin boundaries are strong barriers 

for dislocation movement, especially when they are formed in bundles instead of single 

twins as observed in this work (see Figure 4.7a, Figure 4.10a), which provide the potential 

sites for dislocation accumulation. This effect makes them to serve as a grain boundary in 

the strengthening mechanism, referring to the so-called “dynamic Hall-Petch effect” 

reported in some FCC alloys with twinning (Gutierrez-Urrutia et al., 2010; Gutierrez-

Urrutia and Raabe, 2011), which was first proposed in Remy’s work (Remy, n.d.).  

The contribution of twins and dislocations can be discussed through strain hardening rate 

behavior. In this work there are five stages shown in Figure 4.4. The dynamic recovery as 

the main reason of stage of III of FCC high SFE metals like copper is the cause of occurring 

the first stage of this work, which is the continuous decrease in strain hardening (Kalidindi, 

1998). In this work, the required macroscopic stress for the presence of twinning is about 

635 Mpa and then it maintains steady in stage B. After partially inhibition of dislocations 

in the first step, the twins are formed in the primary system in the second step, which then 

be accumulated in bundles as applied stress goes up. SFE is believed not only to control 

the morphology of twins but also affects dislocation kinetics as it determines the distance 

of partials, and thereby energy barrier of cross-slip. Low SFE in this work causes 

annihilation of dislocations to be suppressed by producing partial dislocations (glissile and 

sessile). In such a structure with dozens of partial dislocations, twinning is easy to nucleate 
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since stress that exists around each dislocation can be intensified by the accumulation of 

tangles of dislocations in the neighborhood of pile-ups. Therefore, stress localization can 

be high enough to exceed the critical induced-twin resolved shear stress needed to nucleate 

twinning (Abbaschian and Reed-Hill, 2008). There have been proposed some theoretical 

models to describe details of the dynamic mechanism for twin formation from partial 

pileups (Fujita and Mori, 1975; Mahajan and Chin, 1973a, 1973b; Venables, 1974, 1963). 

These pile-ups are normally formed in grain boundaries, so deformation twins are 

frequently initiated from grain boundaries. In this work, however, twins are initiated from 

both cell/grain boundaries which is a characteristic of SLM process with high densities of 

dislocation forests before deformation. The occurrence of primary twins in this study 

because of observed weak traces of Goss texture in SLM sample is in good agreement with 

twins observed in TWIP steels (texture evolution of Goss and copper component is a reason 

for the presence of primary twins in high Mn steel (Barbier et al., 2009)). The interaction 

of primary twins with dislocation tangles reduces the dislocation MFP causing the strain 

hardening rate to be constant with strain rate hardening coefficient of G/53, which is much 

higher than FCC metals with regular slip systems (G/200) (Gutierrez-Urrutia and Raabe, 

2011). The obtained strain hardening coefficient is comparable with the Mangalloy (around 

G/40), which is a steel called Hadfield well-known as an ultimate work hardening steel 

(Karaman et al., 2000). As explained before in the twinning section, the stable twins once 

nucleated, penetrate the grain in the opposite grain boundaries with the same orientation of 

the partial passing through the opposite grain. This phenomenon is attributed to the very 

low resistance of dislocations for twins to pass through them. As Gutierrez (Gutierrez-

Urrutia and Raabe, 2011) proposed in his work, a very high coordinate slip system of 
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partials in twin configuration is the reason for this low resistance. According to this model, 

when one partial facing to a highly dense tangle of dislocations in front, deviates its own 

path because of interaction force made between twin tip and dislocation tangle, locally 

enhanced Peach-Kohler force built by partials assembled in twin tip array compels it to be 

placed in the previous site to meet the coordinate system again. The partials that are not 

arranged in such a coordinate system as observed in twins, cannot provide this unified 

force. Therefore, twins propagated through the opposite grain boundaries, form the block 

structure with further reducing the MFP. Furthermore, partial dislocations trapped in 

bundles play a profound role as a strong barrier for slip and their interactions with 

dislocation tangles causes locking dislocation movement. It is expected that during this 

steady state the volume fraction of <111> fiber increases as a driving force of twining and 

the <100> fiber decreases as a suitable texture for slipping, as confirmed by interrupted 

mechanical tests done by Barbier et al. (Barbier et al., 2009). This steady state level is also 

observed in low SFE alloys like MP35N (Ni-Co alloy) or α-brass (Asgari et al., 1997; El-

Danaf et al., 1999; Kalidindi, 1998), mainly because of twin-slip interaction and the role 

of coherent twins in preventing slip propagation whose planes are noncoplanar with 

primary twin systems. In other words, a strong barrier is made when slip systems intersect 

the primary systems, as suggested by Remy (Remy, 1977). In TWIP steels, there is an 

increase in stage B, as illustrated by Remy (Remy, n.d.), and Mahajan and chin (Mahajan 

and Chin, 1973b), as a result of the formation of twins and twin-slip interactions. Observing 

steady state in this work rather than increasing trend observed in the stage B of high Mn 

TWIP steels (Barbier et al., 2009; Gutierrez-Urrutia et al., 2010; Gutierrez-Urrutia and 

Raabe, 2011; Ueji et al., 2008), can be explained by the possibilities of existing 
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noncoplanar twin-slip systems, with lack of enough quantity of twins in order to increase 

strain hardening in stage B. Opposing to this work, twins in high Mn TWIP steels are 

formed simultaneously in both primary and secondary systems and area fraction of grains 

without twins is very low (e.g. 10 percent in the study of Gutierrez-Urrutia(Gutierrez-

Urrutia and Raabe, 2011)). Therefore, the decreased MFP resulted from noncoplanar twin-

slip interaction causes the overall strain hardening rate to stop falling and remains constant. 

That is why unlike the traditionally manufactured 316L, the combination of the TWIP and 

low SFE alloy behavior is observed in this work favored by the observed <111> // LD fiber 

and α fiber respectively (see Figure 4.8).  

The newly formed twins play as new GBs indicated by Gutierrez-Urrutia(Gutierrez-Urrutia 

and Raabe, 2011), lead to a decrease in the effective grain size, which is a reason for 

decreasing the strain hardening rate in the next stage. Ueji (Ueji et al., 2008) showed in his 

quantitative TWIP study that with decreasing grain sizes, the formation of deformation-

induced twins is strongly inhibited. Between 665 and 710 true stresses, due to grain 

refinement, no new twins are formed resulting in decreasing the strain hardening. However, 

the decreasing rate of hardening is still low in this stage, which is attributed to continuing 

MFP reduction and twin propagation. Therefore, rearrangement of dislocations, new sub-

boundaries formation and inhibition of twin activities may be at the origin of a weak 

decrease of strain hardening rate. The observed slope magnitude of stage C in this work is 

less than other typical low SFE FCC alloys reported before (Asgari et al., 1997; El-Danaf 

et al., 1999; Rawers et al., 1996), which is mostly because of the higher rate of twin 

propagation and rearrangement of dislocations in SLM 316L.  
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Between 715 and 735 stress values, a relatively constant strain hardening rate occurs again 

with a hardening coefficient of G/54, which is still comparable with Hadfield steels. 

Reducing the grain sizes to the smaller ones, a higher stress is needed to nucleate twins. 

El-Danaf (El-Danaf et al., 1999) distinguished between two factors influencing the critical 

twinning stress as direct and indirect factors in which the dislocation density and 

homogeneous slip length are related to the former one and the SFE is related to the latter. 

In this study at high strains, the critical twinning stress may be more influenced by the 

former one specially dislocation density, as the effect of homogeneous slip length is 

observed mostly in high SFE alloys. The dislocation density is increased by increasing 

dislocation-dislocation and dislocation-twin interactions. In this range of strains, the 

propagated twins form bundles with higher thickness than previous stages. The required 

much more stress to induce plastic deformation throughout bundles makes them serve as a 

more influential barrier to dislocation movement than a single twin, mainly because of the 

high amount of sessile dislocations stored in bundles, which are accumulated by the 

interaction of Shockley partials with twin bundles as reported by Gutierrez et al. (Gutierrez-

Urrutia and Raabe, 2011) and Edrissi et al. (Idrissi et al., 2010). The stronger role of 

bundles in hindering of dislocation movement intensifies interactions of dislocations 

themselves and dislocation-twin bundles, which in turn lowered the critical twin stress to 

the point that twins with secondary systems can be formed and grown. In the meantime, 

the stress is high enough for secondary system twins to overcome the energy barrier of 

twinning in such small grains for nucleation and growth as revealed by low magnification 

EBSD (Figure 4.10) and three configurations of secondary twin systems (Figure 4.12). This 

stage shows a combination of twinning and slipping mechanisms. As reported by Barbier 
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et al. (Barbier et al., 2009), the volume fraction of <111> is increased indicating about 

twinning, while the volume fraction of <100> fiber remains stable because of the role of 

planar slip up to the next step that it drops. It seems that R (difference between NNMD and 

RPMD) starts to decrease from its peak in this stage as the maximum of homogeneity is 

achieved by grain refinement, so the driving force is no longer active enough to increase 

GND density. Also, by the end of this constant level, the GND density reaches the constant 

level, which maintain its plateau up to the failure point. Finally, increasing the stress for 

more than 735 Mpa causes a decrease in strain hardening rate despite the probable increase 

of the twin volume fraction and thickness of twin bundles up to a point where stress 

concentration exceeds the critical value by the accumulation of high dense dislocations. At 

this point, refined network structure no longer can trap dislocations inside and necking and 

sample failure happened. The final texture is a combination of pronounced brass and 

rotated copper component (<1 1 1>//LD fiber) along with brass type texture (a fiber) as 

favorite sites for twinning, and the weakened rotated Goss and cube components 

(<1 0 0>//LD fiber), revealed a combination behavior of TWIP and low SFE steels 

simultaneously.  

Another strengthening mechanism observed in this study, which gives an advantage over 

the TWIP steels, is oxide dispersion strengthening. This study also shows a new way of 

manufacturing oxide dispersion strengthened (ODS) steels. This phenomenon is aided by 

high cooling rates in this study and solute trapping instead of elemental segregation by 

using a pulsed laser (2.7 ´ 10& K/s). Therefore, the pinning effect of these nanoparticles 

and dislocations cells (micro-scale) causes crack propagation to be delayed enhancing the 
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mechanical properties. The dislocation cells preserve their configuration up to failure 

revealed by deep and small micro- and nano-sized dimples in fracture surface, which in 

turn improve the pinning effect and Hall-Petch mechanism.  

 

5. Conclusion  

The tensile behavior of additively manufactured 316L was investigated with respect to 

texture and microstructure evolution. The following points can be taken from this study:  

- SLM 316L results in a single austenite phase with no martensite formation during 

deformation and hierarchical structure obtained at maco-, micro- and nanoscales.   

- A high-density cellular dislocation structure in the as-built sample is responsible 

for the high yield strength (~ 580 Mpa). This is attributed to a very high cooling 

rate during fiber-pulsed lasering and a discrete melt pool, with a low percentage of 

epitaxial growth, that causes solute trapping instead of elemental segregation.     

- Both EBSD and XRD confirm that preferred growth orientation during 

solidification is the combination of weak <100> fibers and Goss component. 

During deformation, the <111> and a fiber texture along in the tensile direction 

evolve as a result of TWIP and low SFE behaviors, respectively, in grains with 

twins, which have Taylor factors larger than 3. Also, the weak <100> fiber textures 

remain during deformation and can be seen in grains with slipping systems. 
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- Both slipping and twinning are responsible for the plastic deformation of SLM 

316L, which shows TWIP behavior. The dominant type of deformation-induced 

twins was the coherent Σ3 boundaries with <111> fiber parallel to LD. Most 

evolved in primary configuration system. 

- The strain hardening rate follows the trend observed in TWIP steels. The initial 

high density of dislocations combined with deformation-induced twins maintains 

the strain hardening rate at very high levels similar to Hadfield steels and far beyond 

that of traditionally manufactured 316L.  

- The key factors for obtaining a high strain hardening coefficient in this work, in 

which the dislocation movement is strongly hindered via the so-called Dynamic 

Hall-Petch mechanism, were decreasing the dislocation mean free path and the 

strengthening effect of bundles of twins. These serve as grain boundaries to form 

block structures and storage sites for sessile dislocations. The two plateaus in the 

hardening-rate curve are related to the evolution of primary and secondary 

deformation-induced twin systems with their two favorite textures, <111> parallel 

to LD and a fiber. Besides that, the dissociation of perfect dislocations aided by 

low SFE and resulting higher GND densities are the driving force for twin 

formation. Increasing the thickness of twin bundles is facilitated by higher stresses 

and dislocation storage rates. 

- The deformation mechanism includes dynamic Hall-Petch (dislocation-dislocation, 

dislocation-twin, and twin-twin interactions), deformation-induced twins, and 



 

65 

 

pining effect by nano-silicon rich oxide inclusion distribution. Also, this work 

proposes a method for achieving ODS alloys using a fiber-pulsed laser. 

- Stress-strain flow curves revealed occurrence of DRX at temperatures higher than 

800 oC.   

 

 

6. Suggestions for future work 

The following research studies can be considered as follow-up investigations to this 

project. In fact, each of these items can be studies by performing meticulous advanced 

electron microscopy techniques along with detail analysis of the gathered data: 

- Performing interrupted mechanical tests for a deep understanding of deformation 

mechanism and texture evolution in AM 316L. 

-  Calculating dislocation density using quantitative methods for deformation at low 

and high temperatures. 

- Analyzing nucleation and growth mechanism of DRX grains of deformed samples 

at high temperatures by EBSD texture analysis method.  

- Evaluating the effect of Zener-Hollomon parameter on the shape of deformation 

flow curves and microstructure. 
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